The conformational mobility in poly(ethyl methacrylate -co -hydrxyethyl acrylate) copolymers was studied by dielectric relaxation spectroscopy, thermally stimulated depolarisation currents and dynamic-mechanical experiments. The relaxation strength and the shape of the dielectric relaxation spectra of the homopolymer and copolymer networks were analysed using the Havriliak-Negami equation. The dependence of the relaxation strength on copolymer composition and temperature was analysed taking into account the merging of the main and the secondary relaxation processes. The shape of the '' vs frequency plots led to the conclusion that the distribution of relaxation times was broader in the copolymers with 
. Nevertheless, the glass transition temperature is a limited characterisation of the vitrification process. The glass transition occurs because of the rapid increase of the relaxation times of the co-operative conformational rearrangements of the polymer chain segments in a more or less narrow temperature interval. In this work the segmental dynamics of poly(ethyl methacrylate-co-hydroxyethyl acrylate) random copolymers was analysed using dielectric spectroscopy and dynamicmechanical analysis in the temperature interval of the main relaxation or  process.
This allows for a deeper insight into the study of the influence of composition on the conformational mobility of the copolymer.
The molecular mobility of poly(alkyl methacrylate)s has been extensively studied using dielectric relaxation spectroscopy. All the way back in 1966, Williams [9] stated that the main  relaxation and the secondary  relaxation merge at temperatures above the glass transition temperature T g , in a new   relaxation process which has characteristics different from both  and  relaxation, i.e. it is not a mere superpositioning of both processes. The crossover region is the frequency-temperature region in which the relaxation times of the  and  processes approach each other. An extensive analysis of the knowledge and different viewpoints for evaluating the contribution of each component to the overall relaxation process can be found in references [10, 11] . The merging of the main and the secondary dielectric relaxations may well be a general phenomenon in amorphous polymers, as proven using broadband dielectric spectroscopy [12, 13] .
The relative strength of the secondary and the main relaxation determines the shape of the relaxation spectrum and the measured temperature dependence of the relaxation strength. The main dielectric relaxation predominates on the  relaxation in the polymers of the series of poly(n-alkyl acrylates) and thus it is possible to obtain a quite precise analysis of its behaviour [14] . On the contrary, a significant contribution of the  relaxation is present in the merging zone of PEMA [15] . In the case of viscoelastic behaviour, the main relaxation always predominates in the secondary relaxations. In this way an experimental analysis using both dielectric and dynamic-mechanical experiments can give quite a complete picture of the segmental dynamics of P(EMA-co-HEA) random copolymers.
Experimental

Materials
Monomers: ethyl methacrylate, EMA, (Aldrich, 99% pure) and hydroxyethyl acrylate, HEA, (Aldrich, 96% pure) were used without further purification. The polymer networks were synthesised by free radical addition polymerisation using as a photo-initiator 0.2% by weight of benzoin (Merk, 98% pure) and adding 1% by weight of ethylene glycol dimethacrylate, EGDMA, as a cross-linking agent (Merck, 98% pure). The cross-links prevent permanent flow above the glass transition, allowing DMA experiments across glass-transition to be performed. The monomer, cross-linking agent and initiator were used as received without further purification.
Polymerisation took place at room temperature for 24 hrs under UV radiation. Low molecular weight substances remaining in the samples after polymerisation were extracted from the polymer network by boiling in ethanol for 12 hrs and then drying in vacuo at 90ºC until the weight remained constant (around 72 hrs). In this way, pure poly(ethyl methacrylate, PEMA, pure poly(hydrohyethyl acrylate), PHEA, and a series of copolymers with varying EMA and HEA contents were obtained. The copolymers will be designed as P(EMA-co-HEA)XX/YY, XX and YY being the weight fraction of EMA and HEA units respectively.
TSDC experiments
For thermally stimulated depolarisation currents (TSDC), a dielectric technique in the temperature domain [16] [17] [18] , a Novocontrol TSDC cell and a cryostatic system were used. The sample was clamped between two golden electrodes. The depolarisation current was measured by means of a Keithley 617 electrometer as a function of temperature in the range from about -100 to about 150ºC. The TSDC method consists of measuring the thermally activated release of stored dielectric polarisation and corresponds to measuring dielectric losses versus temperature at constant low frequencies of 10 −4 to 10 −2 [16] [17] [18] . As a result of these low frequencies, TSDC is characterised by high sensitivity and high resolving power.
The sample is placed between the plates of a capacitor and polarised by the application of an electric field between 4000 and 5000 V/cm at a suitably chosen polarisation temperature (see below) for 4 minutes, quite a long time compared to the relaxation time of the relaxation under investigation at the polarisation temperature. Then, with the electric field applied, the sample is cooled at 8-10ºC/min to a sufficiently low temperature to prevent depolarisation by thermal excitation, about 100K using our measurements. The field is then switched off and the sample is heated at a constant heating rate of 34ºC/min. A discharge current is generated as a temperature function, which is measured with a sensitive electrometer. As temperature increases, the molecular groups where permanent dipolar moments reside acquire sufficient mobility, giving an inherent current peak for each polarisation mechanism, whose shape and location is characteristic of the relaxation mechanisms of the sample.
DRS experiments
The Dielectric Relaxation Spectroscopy (DRS) experiments were performed with a Schlumberger frequency response analyzer SI1260 in combination with a cryostatic Novocontrol System. Samples with square geometry and adequate dimensions to fit in the 20 mm diameter electrode were used. In these experiments, the complex relative dielectric permittivity
determined as a function of frequency (10 − 10 7 Hz) in different temperature ranges depending on the glass transition temperature and conductivity of the sample: from 0ºC to 100ºC for pure PHEA and from 70ºC to 160ºC for pure PEMA.
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DMA experiments
The dynamic mechanical analysis (DMA) experiments were performed in a Seiko DMS210 analyser both under isothermal and non-isothermal conditions for all the samples in the extension mode. Prismatic samples approximately 6×0.6×10.0 mm 3 were used. The heating scans were carried out at 1Hz at a heating rate of 1ºC/min.
The isothermal experiments were carried out in the glass transition region of the samples every 2ºC. At each temperature the frequency was scanned from 0.01 to 20 Hz.
Results
TSDC experiments
The intensity of TSDC relaxation depends on the thickness of the samples and the 
DRS experiments
The dielectric measurements carried out isothermally in a broad temperature interval in the series of homopolymer and copolymer networks supply complete data sets of the temperature and frequency dependences of the real and imaginary parts, ' and '' of the complex relative dielectric permittivity. From the latter the evolution of the ac conductivity ( ac ) can also be obtained through
where   is the permittivity of free space. Empirical functions have commonly been used to analyse the shape of the dielectric relaxation. In our case, the following expression has been used to fit the experimental dielectric loss data [19, 20] :
where
The first term of equation (3) is the Havriliak-Negami (HN) equation [21, 22] . is the relaxation strength, and f 0 =1/(2  ) is a characteristic frequency, approximately equal to the '' maximum frequency, f max  [19, 21] :
The second term of equation 3 is the conductivity contribution to '',  is a constant, and the exponent s is less than or equal to 1.
The exponent a represents the relaxation peak width, while the parameter b is related to the symmetry of the relaxation  
The fit of the model equations to the experimental results requires certain simplificative assumptions due to the correlation between the different fitting parameters. The value of   was assumed to be temperature independent and the parameter b was also considered temperature independent since its value was found to change only slightly and not systematically with temperature. With these assumptions, the fit to all the isotherms in all the copolymers is quite good. The solid lines in Figures 3 and 4 exemplify this. Table 1 
DMA experiments
The temperature dependence of the loss tangent and storage modulus measured in isochronal DMA scans of the analysed samples in the -relaxation region are presented in Figure 7 , where it can be seen how the mechanical relaxation progressively shifts towards higher temperatures as the HEA content in the copolymer decreases, while the peak broadens and the maximum value of the loss tangent decreases. The temperature for the maximum of the loss tangent in this representation can be called the temperature of the main dynamic-mechanical relaxation, T DMA . Figure 2 shows the dependence of T DMA on copolymer 15 composition. The prediction of equation (1) From the isothermal scans measured in the temperature interval around T g , master curves for storage modulus (E' ) and loss factor (tan ) were obtained by superposition on the isotherm corresponding to T g for all the samples (Figure 8 ). In order to build the master curves, the squared distance between two consecutive curves in the intersection region was calculated (both at the same time, storage modulus and loss factor) to find the shift factor that minimises this distance.
The method for determining the glass transition temperature in each sample was as follows. First, the master curves for storage modulus and loss factor were built b) 
where E' 0 and E' inf represent the storage modulus for low and high frequencies respectively. The  KWW parameter is associated with the distribution of characteristic times, and (T ref ) is the KWW relaxation time at the chosen reference temperature. Then, from the evaluated shift factors, the relaxation time for each temperature was calculated using log (T) = log a T + log (T ref ).
The glass transition temperature was defined as the temperature at which the relaxation time is equal to 100 s. This glass temperature is shown on Table 1 for all the samples.
Finally, the master curves were redrawn using the glass transition temperature as the reference temperature for superposition. These curves are represented in The superposition of the different isotherms was achieved by simple shifting of the isothermal results along the log f axis, according to the time-temperature superposition principle [24] . The criterion was that the same shift applied for both the log E' and tan plots. The latter was preferred to the log E'' curves because in poly(alkyl methacrylates) the isothermal plot of E'' does not present a peak due to the width of the transition and the  merging. In this case, the vertical shift due to the temperature dependence of the product * / T T   [24] seems to be negligible.
The temperature dependence of the relaxation times was successfully described by the Vogel-Fulcher-Tamman-Hesse equation (VFTH) [26] [27] [28] [29] (see Figure 9 ):
where  0 is a pre-exponential factor and the values of the adjustable parameters B and T 0 for the different networks are listed on Table 1 . 
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Discussion
Both in dielectric and dynamic-mechanical spectroscopy results, one single main relaxation peak is shown by the copolymers, indicating that free radical polymerisation produced a homogeneous copolymer phase. Although the polar groups along the chains were not randomly distributed due to differences in the reactivity of both monomers, there is no sign of aggregation of polar or non-polar groups with dimensions that would be sufficient to produce independent glass transitions.
The TSDC thermogram corresponding to pure PEMA, the most hydrophobous polymer of the series, presents the secondary  relaxation at low temperatures, followed by the main  relaxation, around 75ºC, due to the cooperative conformational rearrangements of the polymer segments and, at the highest temperatures, the  peak due to space charge motions appears around 100ºC.
The three relaxation processes have been well described in the PEMA chain polymer [16] . As the content of HEA units in the copolymer increases, the contribution of the space charge relaxation increases due to the increasing water molecules retained in the sample after the drying process. The maximum of the  peak cannot be observed in the temperature range of the measurement, but the rapid increase of the depolarisation current above the -relaxation temperature is an indication of the free charge carrier motions in the sample. This contribution produces the apparent increase of the normalised intensity in the temperature interval in which the  relaxation takes place. Nevertheless, the  relaxation can be clearly seen even in the case of PHEA homopolymer network.
The main dielectric relaxation in this PEMA is clearly separated from the conductivity contribution at lower frequencies. There is a clear change in the shape of the relaxation with increasing temperature due to the merging of the cooperative  relaxation and  secondary mechanism in the observed relaxation process. The main features related to the merging of the two mechanisms in the PEMA network have been discussed elsewhere [15] and the general features related to poly(alkyl methacrylate) polymers have been the subject of several review papers (see references [10, 11] and the references cited there).
In the case of the copolymers, the permanent dipolar moment of the hydroxyl group in the side chain increases the strength of the main relaxation and, at the same time, increases the dc contribution, as can be appreciated by the rapid increase of '' when frequency decreases ( Figure 4 shows the case of P(EMA-co- With the exception of the PEMA network, in which  goes through a maximum at a temperature close to 120ºC, in PHEA and the copolymers the relaxation strength decreases with increasing temperature, as has been found in the  and  relaxation of poly(alkyl-acrylates) and poly(alkyl-methacrylates) [9, 11, 15] It is significant that the parameter a is higher in the copolymers containing 40 and 60% HEA units than in PEMA or the copolymers with a composition close to PEMA and PHEA homopolymers. This means that the relaxation time spectrum of the relaxation broadens in the copolymers, which is possibly due to an increase in composition fluctuations produced by the monomer sequences along the chain. In reference [23] a very simple model was used as an aid to show that random distribution of the chain segments in a two-component system may introduce composition fluctuations in the size of the co-operative length at the glass transition. The same argument can be applied to the monomeric units in the random copolymer and to the main dielectric relaxation. This is due to the small number of polymer segments that participate in the co-operative rearrangement.
The composition dependence of the position of the main dielectric relaxation in the temperature axis for a given frequency can be determined from the temperature dependence of the frequency of the maxima. This interpolation was made for the frequency of 10 5 Hz (a relatively high frequency to eliminate conductivity effects),
with the results shown in Figure 2 .
The isochronous representation of the dynamic-mechanical results ( Figure 7) shows a single loss tangent peak for each copolymer network. The peak shown by PEMA is broader than that of PHEA, and the width of the copolymers seems to increase gradually with their EMA content. The superposition of the dynamicmechanical isotherms is not perfect in the case of the loss tangent of the PEMA network in the high-frequency region due to the influence of the secondary mechanism in this region. On the other hand, in the case of PHEA, the plot of the log (tan) shows a shoulder on the low-frequency side of the main peak, i.e., corresponding to the high-temperature region in an isochronal peak. This feature is not evident in a linear plot, as can be seen in Figure 7 . This may be due to the presence of cooperative regions in which the mobility of the polymer chains is restricted by the association of the polymer chains through hydrogen bonding. The presence of high-T g regions in poly(hydroxyethyl methacrylate) networks has already been reported using differential scanning calorimetry [25] . This feature can be also seen in the copolymers, which is more apparent as the HEA content increases.
The parameter B in the VFTH equation (7) 
Conclusions
The segmental dynamics of P(EMA-co-HEA) random copolymers has been characterised by means of dielectric and dynamic-mechanical relaxation spectroscopy.
A single, narrow main relaxation peak is shown in the copolymers. The characteristic temperature of the '' relaxation depends on the copolymer composition according to the Fox equation. A master curve was built for the relative dielectric permittivity curves with accurate superposition. The shape of the '' vs frequency plots was analysed with the Havriliak-Negami equation, and it was concluded that the distribution of relaxation times is broader in the copolymers with intermediate composition than in the homopolymers, a feature that can be explained by the inhomogeneity produced on the molecular scale by the sequence distribution of the monomeric units along the chain. This feature may be related to the fact that in the kinetic fragility schema proposed by Angell, the copolymers are stronger than expected in a simple average of the properties of the homopolymers.
The strength parameter was determined from the temperature dependence of the dynamic-mechanical relaxation times, which were in turn determined from the shift factors needed to build master curves for the elastic modulus and the loss tangent.
